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Micromechanics and kinetics of deformation
zones at crack tips in polycarbonate
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Plane stress deformation zones are grown from cracks produced by electron beam
irradiation in thin films of polycarbonate (PC) bonded to ductile copper grids. The
kinetics of zone growth in both length and width are followed by optical microscopy
while v;, the ratio of zone thickness to film thickness, is followed by optical interference
and transmission microscopy measurements. These data allow the zone surface displace-
ment and stress profiles to be computed at various times during growth. There is a stress
concentration at the zone tip which relaxes to a uniform stress over the rest of the zone
up to near the crack tip. Both the tip stress concentration and uniform zone stress decrease
as zone growth proceeds. The zone surface displacement rate follows these changes in
stress. It is highest just behind the zone tip where the stress concentration exists and is
constant in the uniform stress zone. It decreases markedly with time. While the Dugdale
model does not predict the details of the zone micromechanics, in particular the zone tip
stress concentration, it does predict qualitatively the correct trends. The crack propagates
into the oriented polymer in the deformation zone in the form of a characteristic half
diamond shape, which is the analogue of diamond cavities previously observed in the

fracture process of oriented bulk polymers.

1. Introduction

In a preceding paper [1] the formation of plane
stress deformation zones (DZs) at crack tips in
annealed thin films of polycarbonate (PC) have
been described. These large, well-defined DZs are
ideal subjects for a study of the kinetics of zone
thickening and lengthening. Attempts by previous
workers [2—4] to observe craze growth by optical
microscopy and to compare their results with
theoretical models such as the Dugdale model [5]
have been limited by the resolution of the light
microscope and the small dimensions of the craze,
plus the necessity to assume that the refractive in-
dex along the craze is constant.

For the case of the DZs described here the last
two difficulties have largely been overcome. Be-
cause of the similarity of the mechanism of zone
thickening to craze thickening the zones should
provide good models for craze growth. In this
paper the experimental results on zone growth
kinetics and micromechanics are described and a
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comparison with both the Dugdale model for a
plastic zone at a crack tip, and with craze growth
is described. The nature of crack propagation into
the DZs is also discussed.

2. Experimental procedure
Thin films of polycarbonate (GE Lexan™ grade
130, specific viscosity, [n]= 0.665dlg™!, kindly
supplied by Dr Roger Kambour) were cast from sol-
ution. These films were bonded to annealed copper
grids, which had been precoated with PC, by,
exposure to methylene chloride vapour. After the
films had been placed in a vacuum overnight, to
remove excess solvent from the film, a static crack
was introduced by irradiation with the intense elec-
tron beam of a JEOL 733 Superprobe. Subsequently
the films were annealed for 1h at 132°C prior to
straining. Further details of the method of speci-
men and crack preparation may be found in [1].
Time-lapse photography through a conventional
optical microscope may be used to monitor changes
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in length and width as growth of a DZ at a crack
tip proceeds at constant applied strain. To obtain
the displacement profile, w(x), these measurements
can be combined with transmission electron micro-
scopy (TEM) measurements of v; (where v; is the
ratio of the thickness of the material within the
DZ to the thickness of the surrounding film) ob-
tained from Equation 1 of [1].

3. Analysis of DZ micromechanics

Since the v; measurements obtained by electron
microscopy of these zones (when growth is com-
plete) show little variation with position in the
zone [1], it seems reasonable to assume that creep
of the already deformed material makes a negligible
contribution to zone thickening as zone growth
proceeds. Surface drawing has been shown to be
the dominant mechanism for dry crazes in both PS
[6,7] and PC [8], and for the system studied here,
the incorporation of fresh material into the zone
can be observed directly by viewing the position of
dust particles within the film relative to the edge
of the DZ. It is assumed therefore that v; is essen-
tially constant throughout zone growth (i.e. at all
times v; = 0.71). Hence, by using the relationship

[6]
w(x) = 31()(1 —vy), (1)

where 7 is the measured zone thickness, the surface
displacements w(x) of the zone can be obtained as
growth proceeds.

The measured profiles can be compared with
the prediction of the Dugdale model [5,9] for a
plastic zone at a crack tip. The basic assumption of
this model is that the surface stress is constant
over the entire plastic zone. The displacements w
are derived from the equation

as,
nE*

w(B) = H(B.B.), ()
where = arccos(x/a) and B, = arc cos (as/a).
Here x is the distance from the centre of the crack,
a is half the total crack plus plastic zone length, a,,
is half the crack length and S, is the constant sur-
face stress of the plastic zone. The function H(8,8.)

is given by

HE.0) = _«3__—_6)]
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and an effective Young’s modulus £* is defined by

B = E/1—V* for plane strain

@

E for plane stress .

For a given 2 and a,, S, can be found from the re-
quirement that there is no stress singularity at the
crack tip. This calculation yields

{0
S = S5 (53)
where 0. is the applied stress.

For this system a and @, can be measured di-
riectly from the optical micrographs at all stages of
zone growth, and so the predicted form of w can
be derived for all times for the particular geometry
observed, if o.. is known. Equivalently, since the
displacement wq in the centre of the crack (at
x =0, =u/2) is conveniently measured by optical
microscopy one can find S, from Equation 2 as

*
L= _mETw, (5b)
aH(n/[2,8.)

Although 0. can be estimated from the strain
applied to the grid, this estimate inevitably neglects
the stress relaxation due to the opening of crack
and zone in the finite grid square as well as the
anelastic stress relaxation in the film itself. In that
sense Equation 5b provides a more accurate esti-
mate, a point which is confirmed by the fact that
the displacements predicted using this value of S,
match the experimental displacements measured in
the crack and the plastic zone near the crack tip-
well, whereas those predicted using the 0. com-
puted from the applied strain were ~30% too large.
Therefore Equation 5b was used to obtain S, and
Equation 5a was used to compute 0., from this S,..
Using the known w(x) profile along the zone and
the Fourier transform method developed from the
work of Sneddon [10] by Lauterwasser and
Kramer [6], the actual surface stress profile S(x)
can be calculated from the equations

S() = AS(E) + 0w (62)
and
ASG) = == [F@eos oz (o)
with N
p(e) = L [ EOE g



This method requires that the displacements
along the crack are known, as well as along the DZ.
These crack displacements are calculated from the
Dugdale model (using the known a, a, and the
computed S.) and are joined smoothly to the w(x)
measured in the DZ. As mentioned above the ex-
perimentally measured and computed values of w
agree in the crack, but since one can show theor-
etically that the displacements in the crack must
be very close to those of the Dugdale model for
any reasonable variation of S(x) over the zone, the
computed w(x) values are used in the crack to
avoid introducing unnecessary artifacts in S(x)
due to the experimental measuring error in w(x).

In this method it is assumed that v; can be taken
as a constant. Close to the zone tip it has been
shown [1] that »; increases from its average value
towards 1. Thus the surface displacements at the
zone tip will be an overestimate if this increase in
V¢ is not allowed for. Similarly, near the crack tip
v¢ decreases from its average value of 0.71 to 0.5.
These deviations from the average v¢ can only be
accurately determined by TEM when growth is
complete. A comparison of the w(x) profile for
such a terminal DZ computed with the actual v
values with that computed using a constant vg of
0.71 shows that the errors are only significant near
the DZ tip when the absolute displacement is
<100 nm. The main effect of this correction is to
decrease slightly the absolute magnitude of the
stress concentration at the zone tip. At the crack
tip the experimental w(x) profile is joined to the
computed w(x) profile of the crack at the point of
maximum zone width (which occurs just ahead of
the crack tip). The region (~ 4 pm long) just ahead
of the crack to this point of maximum zone width
is excluded from the analysis. It is in this region that
v decreases (leading to an increased displacement
despite the decrease in zone thickness 7). Because
of this exclusion little error is introduced around

the crack tip because of the deviation of »; from
the average.

4. Results

4.1, Observations on zone growth

For the specimen shown in Fig. 1, micrographs
were taken at increasing intervals of time from
35sec to 1h after the strain of 2.5% was initially
applied. Fig. 2a shows a plot of zone length against
In ¢ for the specimen; Fig. 2b shows the ratio of
maximum displacement to zone length against In £,
It can be seen that the zone growth fits a logarith-
mic growth law well, but over the relatively short
time of the experiment it is not possible to differ-
entiate between logarithmic and power-law growth,
the latter fitting the experimental date equally
well. Verheulpen-Heymans and Bauwens [11]
have shown that isolated crazes in PC grow linearly
with log time, and that the ratio of craze width to
length is essentially constant throughout growth.
These results on zone growth therefore suggest a
similar growth law to crazes, but the thickening
kinetics would seem to be different from those for
isolated crazes grown under constant load.

Using the analytical method described in the
previous section, the displacement profiles w(x)
for the zone can be obtained throughout growth.
A comparison of the w(x) profile for z = 50 sec and
60 min with the w(x) profile predicted by the
Dugdale model is shown in Fig. 3a and b. The form
of these is typical of all other times. It is obvious
that the Dugdale model does not predict the
correct form of the displacement profile; it under-
estimates the displacement along the zone at all
points and at all times.

The surface stress profiles S(x), obtained from
the w(x) profiles of Fig. 3a and b, via Equations 6a
to c, are shown in Fig. 4a and b. It can be seen
that along the majority of the zone the stress is
approxirately constant S =<(S) and drops with

Figure 1(a) Appearance of a deformation zone at a crack tip in annealed PC 40s after straining, (b) the same zone as in

Fig. 1a at 60 min after straining.
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Figure 2 (a) DZ length against In time, (b) the ratio of maximum zone displacement to zone length against In time.

time ({S)=44MPa at r =40sec compared with
42 MPa at ¢ = 3600sec). However it falls below
the constant surface stress value predicted by the
Dugdale model (S. = 52.5MPa at r = 40sec and
48 MPa at t=3600sec), reflecting the more
gradual gradient of the displacement profile dw/dx
obtained experimentally. This relation between
dw/dx and the surface stress is most easily seen
from the “distributed dislocation theory” due to
Bilby and Eshelby [12]. In their model the local
stress S(x) is proportional to [* [w'/(x —x")]dx’,
which is strongly weighted to the local value of the

displacement (zm}
- = - N
N e
/
v
/

o)

© ooo0
SRR
/

(]

ot
100
distance from centre of crack (pm}

E

o

T T
J
[
/

/

- ==
> )
T T
1
e

displacement  (pm)

© 00 0.
NN o

b ——o__
| | A~

70 80 90 100

o o
o
/7
7
/DO
//
fa
o

=)
S
N
(]
ol
(o]
N
Q
<]
o
@
(o]

2980

~ o.
A ~—o_ o

iy
120 130
distance from centre of crack {(um)

1o

gradient w' = dw/dx. Since the overall gradient ex-
perimentally obtained is lower than that predicted,
a lower surface stress is to be expected.

At the zone tip there is a sharp drop in the dis-
placement (i.e. a sudden increase in dw/dx), and
this increase is reflected in the stress concentration
which exists at the zone tip, as seen in Fig. 4a and
b. As discussed in the previous sections, the absol-
ute magnitude of the stress concentration cannot be
reliably obtained because of uncertainties in »; at
the zone tip but the results suggest the stress con-
centration drops with time.

Figure 3 A comparison of the experimentally
obtained displacement profiles w(x) (solid
line) with those predicted by the Dugdale
model (dotted line): (a) at + = 40 sec and
(b) at t = 60 min.
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Figure 4 The surface stress profile S(x): (a)
at r = 40sec and (b) at = 60 min.
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These results on the surface stress profiles along
a DZ closely parallel the form of those obtained
previously for crazes grown from crack tips in PS
[71. Here too, an approximately constant surface
stress was obtained along the majority of the craze,
with an average value below that predicted by the
Dugdale model. A stress concentration was found
at the craze tip.

4.2. Analysis of the surface displacement
rate

From the displacement profiles calculated during
growth, the displacement rate along the zone can
be estimated by considering the change in displace-
ment at each point over the time interval between
photographs. The results of this analysis are shown
in Fig. 5. Two curves are plotted, one yielding the
displacement rate averaged over the time interval
from 40 to 230sec and the second averaged over
230 to 3600sec. Such large time intervals are
necessary to ensure reasonable accuracy.

Three conclusions can be drawn from these
curves. Firstly, over the majority of the zone, where
S is constant, the displacement rate is also roughly

constant. Secondly, the displacement rate decreases
markedly with increasing time from zone initiation.
Finally, the displacement rate increases at the zone
tip. These results suggest a model for surface draw-
ing of fresh material into the zone at a rate which
is dependent on the surface stress.

Over the majority of the zone the stress is well
approximated by a constant, as in the Dugdale
model, and consequently the displacement rate is
also constant here. As the average stress drops
during growth, the rate of surface drawing de-
creases rapidly. Although the surface stress calcu-
lations show only a total drop of ~5% in the
average surface stress along the zone as growth
proceeds thedisplacement rate drops by two orders
of magnitude from a mean rate of 3 to 4A sec™ at
the earlier time, to 0.04A sec™!. Near the zone tip
a stress concentration exists and here a sharp peak
in the displacement rate is observed. The height of
this peak drops with time which is consistent with
the suggestion that the magnitude of the stress
concentration is also diminishing.

It has been suggested [6,13] that the drawing
of fresh material from the bulk into a craze may
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Figure 5 Displacement rate against position along the zone averaged (a) over the time interval 40 to 230 sec and (b) over

the time interval 230 to 3600 sec.

occur by a mechanism similar to neck propagation

in fibres and bulk specimens. For neck propagation

with constant shape, the propagation rate, v, in

monofilaments has been shown to follow an

equation of the Eyring form [14, 15] i.e.
ATty

Vg = Vg €XP T

T (M

where 7, is the propagation shear stress, kg is the
Boltzmann constant, T is the absolute temperature
and A4 and 7, are constants. Verheulpen-Heymans
[13] has used this idea to model craze thickening
and to derive typical fibril diameters for PC crazes
assuming a constant neck shape corresponding to a
steady-state neck velocity. However, since both the
observed neck propagation and craze thickening
rates in PC are decreasing functions of time, this
assumption is unlikely to be valid [14]. Experi-
ments are currently in progress to examine the
shape of the “neck™ at the DZ—matrix interface in
the specimens described here.

A second limitation of Verheulpen-Heymans
model arises because she was not able to measure
the local surface stress. In the experiments de-
scribed here it has been possible to verify directly
that the surface displacement rate of the zone is
dependent on the local surface stress.

Because of the increase of »; near the zone tip
the shape of the “neck” at which drawing occurs is
not the same as that adjacent to the “mature”
(constant v¢) portion of the zone. Since the local
stresses and strain rates in the drawing neck depend
on this shape one cannot at this point interpret the
link between the surface stress increase and the
displacement rate increase at the zone tip more
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quantitatively. Nevertheless there seems to be a
close analogy between neck propagation and the
phenomenon of zone thickening.

As shown in Fig. 2, the ratio of maximum zone
displacement to length decreases with time, which
means that the rate of zone thickening by surface
drawing decreases more than the rate of tip advance
as the zone grows. It is of interest to note that this
inequality is in qualitative agreement with the
predictions of the Dugdale model. This prediction
follows from the equation for the displacement at
the crack tip, w,

4a,
We = E*S ln;0

which is derived from Equation 2. Substituting for
S from Equation 5a yields

(4(10) T0w ] | ( a)
We = ) I ng—
E - . (8b
m ”cos% ). (8b)

et
Differentiation of Equation 8b with respect to the
crack length a gives, for the case of interest here
where a,fa < 1 (typically aja, = 1/3), dw./da <0
as experimentally observed.

(8)

4.3. Observations on crack growth with
increasing strain

A second set of experiments was undertaken to

analyse the propagation of the crack into the de-

formation zone as the strain was sequentially in-

creased. The strain increments were made at

approximately 2min intervals and thus the



Figure 6(a to c) Crack propagation into a DZ in annealed PC as the strain is sequentially increased, (d) the same as in

Fig. 6¢ observed in monochromatic light.

measurements recorded will not necessarily corre-
spond to the equilibrium state.

Typical sets of micrographs showing the chang-
ing crack shape are displayed in Figs 6 and 7 for
the annealed and unannealed specimens. For both
the annealed and unannealed specimens it can be
seen that a pronounced half “diamond” crack-tip
shape is formed, with the angle subtended at the
tip of the diamond decreasing with time. This re-

50um

sult demonstrates that the crack propagates
correspondingly faster than it opens.

For the case of the annealed specimens, success-
ive stages of accelerated zone thickening due to
the abrupt increase in applied strain are delineated
by lines of changed contrast tracing the outer edge
of the zone at the time of strain increase. These
are most clearly seen in Fig. 6d, which was taken
with monochromatic light. The origin of these
lines will be discussed in a subsequent paper.

The effect of annealing PC on the nature of the
diamond cavity produced does not seem to be very
great. This result suggests that, although the strain
is much less localized in the unannealed PC, in the

Figure 7(a to ¢) Crack propagation into a DZ in unannealed
PC as the strain is sequentially increased.

‘-
-
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immediate vicinity of the crack tip where there is
the largest strain concentration, the plastic defor-
mation and orientation behaviour is similar. Re-
inforcing this view is the fact that the local v; at the
crack tip in the two types of samples have been
shown to be similar (~0.5) despite the differences
elsewhere in the deformation zone. One can argue
that following yielding the differences in molecular
parameters introduced by the annealing process
are eliminated as the polymer chains take up new
configurations corresponding to a *‘yielded state”
common to annealed and unannealed PC alike.
This hypothesis is consistent with the observations
of Adam ez al. [16] who found that the enthalpy
relaxation that developed during the annealing
process was eliminated following yielding. How-
ever they associated this behaviour with a break-
down of the “nodular” structure [17] formed
upon annealing, the evidence for which must be
regarded as tenuous (e.g. [18]).

A second possible explanation for the similarity
is that the method of producing the crack in the
microprobe causes a local temperature rise suf-
ficient to “anneal” the material immediately adjac-
ent to the crack. That this cannot be the true
explanation (although such a local temperature
rise may occur and cause some contribution to the
effect) can be verified by using a Tukon micro-
hardness indentor to produce the starter crack [7].
Although, as discussed, this method has the disad-
vantage of causing a local build-up of polymer
adjacent to the crack, exactly the same type of
diamond crack propagation was observed as
successively higher strains were applied to the
specimen.

Haward and co-workers [19—22] have observed
the growth of diamond-shaped cavities in a range
of glassy oriented polymers. These include PC
under suitable testing conditions, typically elevated
temperatures and low strain rates. This growth is
associated with “plastic fracture’ in which a sub-
stantial amount of energy is absorbed in plastic
deformation away from the immediate vicinity of
the crack tip. As discussed by Cornes, Smith and
Haward [20], whereas brittle fracture occurs in
thermoplastics exhibiting strain softening prior to
general yield (with the plastic strain localized within
thin crazes or shear bands), plastic fracture is ob-
served after yield in materials with significant orien-
tation hardening.

More recently [23] it has been pointed out that
such diamonds are embedded in a highly aniso-
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tropic matrix. Furthermore these workers have
demonstrated that around a diamond cavity fur-
ther deformation occurs primarily by simple shear.
In their model it is envisaged that near the dia-
mond the polymer chains shear parallel to the
orientation direction until strain hardening causes
a neighbouring region to yield in preference to
further shear of the original. Each element is there-
fore strained equally, the cavity is constrained to
have linear sides and the characteristic diamond is
formed.

There is clearly a close similarity between the
growth of diamond cavities within the neck of a
drawn polymer and the propagation of a half dia-
mond crack into the DZs described here. From
the bi-refringence measurements [1] it is clear that,
as with a diamond crack in a cold-drawn neck, the
crack is embedded in an anisotropic (highly orien-
ted) matrix, within which a high degree of orien-
tation hardening has occurred. (Thislatter property
is demonstrated by the fact that when it has
deformed to a draw ratio corresponding to a v
~0.7 little further drawing occurs for small
increases in stress.) However, careful analysis of
the nature of the molecular orientation shows sig-
nificant differences between the results obtained
here and those reported by Walker ef al. [23] on
diamond cavities in bulk specimens. By observing
the deformation of a rectangular grid of gold-
palladium alloy deposited onto a fine copper mesh
masking the polymer under study, Walker et al.
[23] studied the strain field around the growing
diamond cavity. For the case of PVC they reported
that the maximum principal elongation remained
within 5° of the draw direction everywhere, sug-
gesting that the molecular orientation is not
appreciably altered by the simple shear defor-
mation they observed. However analysis of the
molecular orientation in the DZs [1] has shown
that there is a significant rotation within the lobes
of the zone relative to the draw direction, the angle
of rotation being as large as 30°. The details of the
nature of the changes in orientation are shown in
Fig. 7a of [1]. Clearly a complex pattern of de-
formation is occurring here, which cannot be
described solely by simple shear.

At the edge of the DZ it has been shown that
the direction of orientation follows the major prin-
cipal stress axis, but for a sufficiently large lobe
this “boundary condition” should not markedly
affect the orientation around the crack itself. At
first sight it would seem that there are no boundary



conditions acting in the neck of the drawn polymer
described by Walker er al. [23] which could
affect the orientation, and thus that the two sets
of results are incompatible. However, a comparison
of Figs 4 and 6 of [23] showsthat the deformation
process is altered for an “edge diamond”, ie. a
diamond formed from a notch at the edge of a
specimen. In this case the top and bottom “cor-
ners” of the diamond correspond to free surfaces,
whereas in a true diamond cavity, growth of these
corners is constrained by the surrounding polymer.
The effect of the free surfaces is to permit more
molecular flow normal to the draw direction with
the result that there is a significantly greater ro-
tation of the orientation axis away from the draw
direction towards the direction of the diamond
edge. This case corresponds much more closely to
the results described here. For the DZs in annealed
PC the two half “diamonds” growing at the ends
of the crack are widely separated by unoriented
material, which does not constrain the crack growth
in the same way as a diamond cavity growingin a
neck.

From this discussion it can be concluded that
the diamond crack growth reported here resembles
edge diamond growth more closely than the growth
of full diamonds reported by Walker et al. [23].
Clearly the anisotropy of the matrix into which
the crack is propagating is of prime importance
but the claim that the polymer is deforming pri-
marily by simple shear is an oversimplification,
since the nature of the deformation they observe
around diamond cavities is significantly affected
by the geometry.

As can be seen in Fig. 6a to c, as the strain is in-
creased the angle subtended at the tip of the dia-
mond decreases. Walker er al. [23] report that the
diamond appears to maintain its shape with time,
simply becoming magnified. However, from the
earlier work of Cornes ef al. (Fig. 5 of [20]) it
would appear that a reduction in angle at the dia-
mond tip does occur with increasing strain for
PVC. The geometry of the crack in this earlier
work is hexagonal, rather than the true diamond
of the work of Walker ef a/., and consequently is
similar to the shape of the crack described in this
paper. Again this suggests that the conclusions
drawn by Walker er al. [23] are affected by the
geometrical constraints of the specimen. The
changing shape of the diamond must reflect the
response of the already oriented material to the
changing stress field generated by the growing

diamond. A detailed analysis would require a full
understanding of the anisotropy of flow.

4.4, Comparison of the mechanics of
deformation zones and crazes

It is of interest to compare the mechanics of the
DZs in annealed PC both with crazes in other
polymers (e.g. PS) and with the predictions of the
Dugdale model. If the mechanical properties of
DZs and crazes can be shown to be similar, then
information from DZ growth experiments can be
used to model craze growth. Such models would
be useful because the fine scale of crazes requires
the use of electron microscopy to observe their
mechanical properties, but since the electron
irradiation which occurs during TEM changes the
properties of PS, growth experiments in which
sequential craze microstructures are observed are
not possible.

The most obvious difference between crazes
and DZs is that the latter possess no fibril or void
structure. This difference will be of prime import-
ance in considering the response of the polymer to
potentially harmful environments, and will also
affect the ability of the deformed polymer to bear
shear stresses. However, for other properties the
absence of voids may be of lesser importance.

It has been shown that DZs grow along a minor
stress trajectory, with the polymer chain orien-
tation lying along the major principal stress axis.
This directional growth is exactly analogous to
the behaviour of crazes. Furthermore the surface
stress profile along the zone is closely similar to
that borne by a craze; it is reasonably constant
over the majority of the zone with a stress concen-
tration at the zone tip. The displacement profiles
for the craze and DZ are also similar and it has
been shown that both thicken by surface drawing
and not by creep of the already drawn material. In
contrast to these similarities, a significant difference
may be observed in the extension ratio profiles,
the craze having a maximum value for A at the tip,
whereas the DZ shows a A profile which decreases
monotonically near the tip. This difference is also
reflected in the absence of a midrib in the DZ. It is
evident also that the actual mechanism of zone tip
advance must be different from that for craze tip
propagation, the appropriate mechanism for the
latter having been shown to be the meniscus insta-
bility [24—26] which gives rise to the fibrillated
craze structure. However, the difference in mechan-
ism may not be as great as it seems at first sight.
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Ahead of the craze tip, deformation prior to
fibrillation is localized in the two surfaces appearing
as the presence of two “surface grooves” [25,26],
typically ~25nm deep for crazes in PS. As the
thickness of the film is decreased, lateral constraint
through the film thickness is relaxed and the per-
centage thickness occupied by the surface grooves
increases. Together these effects lead to the sup-
pression of fibrillation and the craze structure in
PS films ~100nm thick no longer comprises a
fibril/void structure with ~6 nm fibrils, but more
closely resembles a perforated sheet [27]. This
sheet structure arises from the intermittent coal-
escence of the surface grooves without the devel-
opment of the meniscus instability.

A logical extension of this mechanism in very
thin films is to visualize a drawn zone correspond-
ing to the two surface grooves extending through-
out the film thickness, without the presence of
voids. This is precisely the observed form of the
DZ. Since it isknown that plane stress deformation
occurs over a far wider range of thickness for PC
than for PS, it seems plausible that the coalescence
of .surface grooves may similarly extend up to
much higher film thickness; for these, intermittent
void formation apparently does not occur.

Thus it would seem that the mechanical proper-
ties of DZ’s and crazes are closely similar and that
the experimental results on DZs may be used to
infer properties of crazes. For instance these ex-
periments permit verification of the intuitive idea
that the surface stress S(x,f) (the stress producing
drawing at the edge of the DZ or the surface of the
craze) must decrease during growth. It has also
been shown that the rate of DZ thickening follows
the changing value of the surface stress, i.e. dw/dr
increases as S.(x, ) increases.

Secondly, it is worth considering how well the
simple Dugdale model fits the experimental data.
Previous workers [2,3] have claimed good agree-
ment between craze profiles and the Dugdale
model, using optical interference microscopy.
From the results presented above (Fig. 3a and b) it
is clear that in detail the experimental displacement
profile does not agree with the Dugdale model.
However, it is also clear (Fig. 4) that the surface
stress is nearly constant over the majority of the
zone despite this changed w(x) profile. Similarly,
the observed decrease in (wo/a) with time is at least
qualitatively predicted by the Dugdale model. It
has previously been demonstrated [7] that the dif-
ference between the fracture toughness Gy, calcu-
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lated from the Dugdale model and using the actual
experimental data for crazes in PS is small. Thus it
seems that, despite the discrepancies in fine detail
between the model and experimental results (both
for crazes and DZs), the Dugdale model is never-
theless a good approximation for most properties.

5. Conclusions
The following conclusions about deformation at
crack tips in PC can be drawn:

(1) In annealed PC, well-defined flame-shaped
zones of drawn but unvoided material are formed.
Within these zones an approximately constant value
of v¢ ~0.71 is obtained.

(2) A high degree of molecular orientation oc-
curs within the zone, giving An =0.117. For the
majority of the zone the molecular chains lie along
the draw direction.

(3) In unannealed PC, a much more diffuse
zone of deformation is formed. Within this zone
there is a gradual change in both v; and molecular
orientation.

(4) Analysis of the micromechanics of the DZ
in annealed PC shows that both the displacement
profile and the surface stress are in reasonable
agreement with the predictions of the Dugdale
model.

(5) A comparison of the local displacement rates
with the form of the surface stress shows that the
rate is a sensitive function of the local stress, the
rate dropping rapidly during growth as the average
stress along the zone decreases.

(6) As higher levels of strain are applied to the
specimen, crack propagation into the DZ occurs
with a characteristic diamond shape.
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